A detailed examination of the valence band discontinuity (⌬E v ) formed at the ͑0001͒, (0001 ), and (11 00) interfaces between 2H-AlN and 6H-SiC has been conducted using x-ray and UV photoelectron spectroscopies. The ⌬E v was observed to range from 0.6-2.0 eV depending on the growth direction ͑i.e., AlN on SiC vs SiC on AlN͒, as well as the crystallographic orientation, cut of the SiC substrate ͑i.e., on versus off axis͒, and SiC surface reconstruction and stoichiometry. A ⌬E v of 1.4-1.5 eV was observed for AlN grown on (3ϫ3) (0001) Si 6H-SiC on-axis substrates; a ⌬E v of 0.9-1.0 eV was observed for off-axis substrates with the same surface reconstruction. The values of ⌬E v for AlN grown on (ͱ3ϫͱ3)R30°(0001) 6H-SiC on-and-off-axis substrates were 1.1-1.2 eV. A larger valence band discontinuity of 1.9-2.0 eV was determined for 3C-SiC grown on ͑0001͒ 2H-AlN. Smaller values of ⌬E v of 0.6-0.7 and 0.8-0.9 eV were observed for AlN grown on on-axis (0001 ) C and (11 00)6H-SiC substrates, respectively.
I. INTRODUCTION
The moderately close in-plane lattice matching (⌬a/a 0 ) of 0.9% and 2.5%, respectively, to 6H silicon carbide ͑6H-SiC, E g ϭ3.2 eV͒ and gallium nitride ͑GaN, E g ϭ3.4 eV͒ allows monocrystalline aluminum nitride ͑AlN, E g ϭ6.2 eV͒ to be commonly employed as a buffer layer for growth of GaN on 6H-SiC substrates.
1,2 The rather small difference in lattice constants also allows the consideration of AlN/SiC/AlN quantum well heterostructures and the growth of AlN x SiC y alloys. 3, 4 Epitaxial AlN/SiC metal-insulator-semiconductor ͑MIS͒ structures are additionally of interest due to lower interface state densities. 5 Several detailed studies of the microstructure at the AlN/SiC interface and the physical defects formed therein have been conducted, 6, 7 but relatively few studies have been reported regarding the electronic structure of this interface. The valence band discontinuity formed at the AlN/SiC interface, in particular, is one fundamental parameter needed to predict and model the electrical properties of this interface. 8, 9 The first report of the valence band discontinuity between AlN and SiC was that of Lambrecht and Segal for the ͑110͒ interface between 3C-SiC and 3C-AlN. 10 Their theoretical investigation using the linear muffin tin orbital ͑LMTO͒ method indicated a valence band discontinuity of 1.5 eV ͑see Table I͒ . However, a lower value for the valence band discontinuity between 2H-AlN and 6H-SiC at the ͑0001͒ interface was later provided by Benjamin et al. 11 based on ultraviolet photoelectron spectroscopy ͑UPS͒ investigations. Knowing the dopant concentration in the 6H-SiC substrate and the position of the AlN valence band maximum ͑VBM͒ relative to the Fermi level, Benjamin et al. estimated the valence band discontinuity by aligning the Fermi level of the two semiconductors and ignoring the possibility of band bending at the interface. This calculation indicated that the discontinuity was 0.8 eV. This value was contradicted by a different estimate of 1.85 eV by Wang et al. 12 based on the theoretical differences in the Au Schottky barrier formed with AlN and 3C-SiC. The larger values of Wang et al. and Lambrecht and Segal, 10, 12 were later supported by x-ray photoelectron spectroscopy ͑XPS͒ measurements by King et al., 13 which determined the ͑0001͒ 2H-AlN/6H-SiC valence band discontinuity to be 1.4Ϯ0.3 eV.
Clarification of the above apparent discrepancies has been potentially provided by more recent theoretical investigations. The plane-wave psuedopotential ͑PWP͒ calculations by Ferrara, Binggeli, and Baldereschi 14 have shown that for the ͑111͒/͑0001͒ AlN/SiC interface, the valence band discontinuity can range from as high 2.26 to as low as 1.31 eV depending on the level and type of cation/anion intermixing at the interface. Similar effects have also been recently reported for the ͑001͒ 3C-AlN/3C-SiC and 3C-GaN/3C-SiC interface by Städele, Majewski, and Vogl. 15 However, these results are not surprising. For other reactive interfaces such as CuBr/GaAs, ZnO/CdS, ZnSe/GaAs, etc., [16] [17] [18] ⌬E v has been observed to be strongly dependent on the number and types of bonds formed at the interface. Using the ͑001͒ GaAs/ZnSe interface as an example, ⌬E v ͑GaAs/ZnSe͒ was determined to be 0.40Ϯ0.05 eV when the GaAs/ZnSe interface was composed mostly of Ga-Se bonds and 1.01 Ϯ0.05 eV when the GaAs/ZnSe interface was composed mostly of As-Zn bonds. 18 Therefore, one could expect to observe a similar variation in ⌬E v for the AlN/SiC interface depending on the number of Si-N and/or Al-C bonds formed.
In this article, we report our findings on a more detailed XPS examination of the AlN/SiC interface in which we have manipulated the types of bonds formed at the AlN/SiC interface and the degree of intermixing of anions and cations at the interface. This manipulation was achieved by controlling: ͑i͒ the SiC surface reconstruction during surface cleaning, ͑ii͒ the atomic termination/orientation of the SiC substrate ͓i.e., (0001) Si , (0001 ) C , and (11 00)͔, and ͑iii͒ pre-exposing the SiC ͑AlN͒ surface to either Al or NH 3 ͑SiH 4 or C 2 H 4 ͒ prior to growth of the AlN ͑SiC͒ film.
II. EXPERIMENTAL PROCEDURE
A gas source molecular beam epitaxy ͑GSMBE͒ system with a base pressure of 3ϫ10 Ϫ10 Torr was designed and constructed specifically for the growth of III-V nitride thin films. 19 The reactants were SiH 4 ͑99.9995%͒, C 2 H 4 ͑99.9999%͒, Al͑99.9999%͒, and NH 3 ͑99.9995%͒. The Al was evaporated from a 25 cm 3 ''cold lip'' Knudsen cell. The NH 3 was further purified via an inline metalorganic resin purifier connected directly to a leak valve mounted on the GSMBE chamber. Sample exposure to the SiH 4 , C 2 H 4 , and NH 3 was achieved using ''molecular beam'' dosers similar to the design of Bozack et al. 20 The substrates used in this study were 1.5 cmϫ1. 5 ͒ 6H-SiC epitaxial layer. On-axis (0001) Si , (0001 ) C , and (11 00)6H-SiC wafers without an epitaxial layer but with a thermally grown oxide were also investigated. All wafers were ultrasonically and sequentially rinsed in trichloroethylene, acetone, and methanol, dipped in 10:1 buffered HF for 10 min, and mounted to a Mo sample holder. The in situ procedure used for the final cleaning step of the 6H-SiC substrates was similar to that employed by Kaplan 21 and Kern 22 and is described in more detail in Ref. 23 . Briefly, each SiC wafer was annealed in the GSMBE system in a flux of 10 Ϫ6 -10 Ϫ5 Torr SiH 4 for 15-20 min at 1050°C. Analysis via Auger electron spectroscopy ͑AES͒ and ͑XPS͒ revealed oxygen-free, silicon-terminated SiC surfaces which displayed (1ϫ1) low energy electron diffraction ͑LEED͒ patterns. For the (0001) Si orientation, a (3 ϫ3) reconstruction was generated by using longer SiH 4 exposures. A ()ϫ))R30°reconstruction was obtained for the (0001) Si surface by annealing the wafer at 1000°C in UHV without a flux of SiH 4 . Non-SiC carbon was detected from this surface by XPS. We were not successful in generating surface reconstructions for the (0001 ) C and (11 00)6H-SiC surface orientations.
To initiate the deposition of AlN, each 6H-SiC wafer was first raised to 1050°C. At this point, either the shutter to the Al cell or the NH 3 leak valve was opened first and the surface was exposed to the second component. This was done to generate a different degree of mixing at the AlN/SiC interface. Sustained growth of the AlN films occurred at a rate of Ϸ250 Å/h in 10 Ϫ5 Torr NH 3 . After a predetermined AlN thickness was obtained, the Al cell was shuttered and the sample was allowed to cool in ammonia until approximately 600-700°C when the ammonia leak valve was closed. The AlN films displayed (2ϫ2) reconstructed surfaces immediately after growth. Scanning electron microscopy ͑SEM͒ analysis showed the films to be free of surface topography at a magnification of 10 000X, and the films were too resistive for Hall or capacitance/voltage measurements. The growth of SiC on AlN at 1050°C was also investigated using equal flows of the reactants of SiH 4 and C 2 H 4 . The AlN surface was initially exposed to SiH 4 followed by C 2 H 4 . The growth rate was slow ͑i.e., Ӷ100 Å/h͒, and the grown films were used only for measuring the ⌬E v of SiC on AlN. The SiC films were assumed to be the 3C ͑beta͒ polytype based on Ref. 22 .
The XPS and UPS experiments were performed in situ using a UHV transfer line. The XPS/UPS system had a base pressure of 2ϫ10 Ϫ10 Torr and was equipped with a dual anode x-ray source, a differentially pumped helium resonance UV lamp, and a 100 mm hemispherical electron energy analyzer. All XPS spectra were obtained using Al K␣ radiation (hϭ1486.6 eV). Calibration of the binding energy was achieved by periodically measuring the positions of the Au 4 f 7/2 and Cu 2p 3/2 peaks from clean standard samples and correcting them to 83.98 and 932.67 eV, respectively. A combination Gaussian-Lorentzian curve shape with a linear background best represented the XPS data. All UPS spectra were acquired using the unmonochromated He I line (h ϭ21.2 eV).
The method used for calculating the AlN/6H-SiC valence band discontinuity was similar to that of Waldrop and Grant 24 and Kraut et al. 25 The basic scheme of this approach is to reference the valence band maximum energy to a core level ͑CL͒ energy from each semiconductor and then use the measured difference between the two core level energies from a junction between the two semiconductors to determine the discontinuity. The energy position of one CL from the substrate ͑SiC͒ is measured with respect to the substrate valence band maximum ͑VBM͒, i.e., ͑VBM-CL͒ bulk
SiC
. Subsequently, a thin layer ͑Ϸ15-20 Å͒ of the second semiconductor ͑AlN͒ is deposited on the substrate and the difference between the substrate and film core levels is measured, i.e., (CL SiC -CL AlN ͒ interface . Finally, the thickness of the overlying film is increased beyond the sampling depth of XPS ͑Ϸ250 Å͒ and the CL-to-VBM energy is measured for the deposited film, i.e., ͑VBM-CL͒ bulk AlN . The valence band discontinuity between the two semiconductors is given as
In a previous study, 13 only XPS was used to determine both the core level and valence band maxima energies. In this technique, core level peak positions can be measured with an accuracy of р0.1 eV, 26 but the cross section for ejection of valence band electrons is extremely low, and results in an inherently poor signal-to-noise ratio ͑S/N͒. This necessitated comparison of the XPS VB spectra with the theoretically calculated VB density of states ͑VBDOS͒ to determine the position of the VBM. In contrast, for the measurements described here, both UPS ͑He I, hϭ21.2 eV͒ and XPS were used to determine the VBM, and XPS was used to determine the core level positions. The S/N ratio in UPS VB spectra is several orders of magnitude higher than that of XPS and, therefore, a direct determination of the VBM without comparison to the theoretically determined VBDOS was possible. The location of the VBM was achieved by extrapolating the high kinetic energy leading edge of the VB spectra with a straight line to the energy axis. [16] [17] [18] III. RESULTS
A. SiC CL -VBM
Measurements of the SiC core level energies relative to the SiC VBM were complicated due to the appearance of surface states in the SiC band gap when oxygen was completely removed via SiH 4 cleaning or thermal desorption at 1000°C ͓see Fig. 1͑a͔͒ . Johansson, Owman, and Martensson 27 experienced similar difficulties for the () ϫ))R30°reconstructed surfaces of ͑0001͒ 4H/6H SiC prepared by annealing in UHV at 1000°C. However, these authors 27 estimated that the SiC VBM was 2.3Ϯ0.2 eV below E F and that C 1s -VBM SiC ϭ283.3Ϫ2.3ϭ281.0 eV (Si 2p -VBM SiC ϭ99.0 eV).
Our estimation of C 1s -VBM SiC from the ()ϫ))R30°surface was unrealistically 1.0 eV higher, i.e., 282.0 eV. Thus, we adopted the method of Grant and Waldrop 28 and measured C 1s(Si 2p) -VBM SiC from our SiC substrates after thermal desorption at 600°C, as shown in Fig. 1͑b͒ . In this case, no surface states were observed due to the remaining monolayer of oxygen on the SiC surface. band alignment. 30 The AlN layers used in this study were the same films used in the previous GaN/AIN study; thus, these results are only summarized below.
The measurements of the AlN VBM energy positions were complicated by significant amounts of emission from HeI ␤ radiation in the UPS spectra. The location of the VBM in the UPS VB spectra was thus determined by extrapolating a straight line through the leading edge of the spectra to the energy axis. 31 and 70.6 eV reported by Waldrop and Grant. 24 The AlN CL ϪVBM for the (0001 ) C orientation was also the same as for the ͑0001͒ orientation. The Al 2p -VBM AlN for the (11 00) orientation was larger at 71.9 eV.
The positions of the Al 2p, N 1s, Si 2p, and C 1s core levels were recorded as a function of AlN thickness on SiC. The values and deltas reported here and used to calculate ⌬E v were taken at an AlN thickness of 20-25 Å, which is below the reported critical thickness for AlN on SiC of Ϸ45 Å for the ͑0001͒ interface 6 and Ϸ140 Å for the ͑100͒ interface. 32 The thickness of 20-25 Å was selected as both the N 1s -C 1s and Si 2p -Al 2p values were observed to stabilize ͑see All the valence band discontinuities obtained for the different interfaces are summarized in Table III . A type I valence band discontinuity was observed in all cases, but the values ranged from 0.6 to 2.1 eV depending on orientation, cut, and the SiC surface cleaning method employed. The absolute values of ⌬E v are reported here with an accuracy of only Ϯ0.2 eV due to difficulties in determining the exact energy position of the AlN VBM. However, the actual differences in ⌬E v due to interface chemistry, reconstruction, etc., were measured with an accuracy of Ϯ0.1 eV. This information is completely nested within the ⌬CL͑AlN-SiC͒ term in Eq. ͑1͒, which we could measure with an accuracy of Ϯ0.1 eV. Thus, the differences we see in the ⌬E v for differ- 
D. Interface chemistry
The AlN/SiC interface is heterovalent with different anions and cations on both sides of the interface. Thus, care was taken to separate chemically shifted peaks in the XPS spectra of the Al 2p, Si 2p, C 1s, and N 1s core levels due to formation of Si-N or Al-C bonds. A shifted Si 2p core level was not observed for AlN/SiC interfaces formed on ͑)ϫ)͒R30°6H-SiC(0001) Si and ͑000-1͒C surfaces prepared by thermal desorption at 1000°C as shown in Fig.  3͑a͒ . However, a small, chemically shifted Si 2p core level at 102.2-102.8 eV ͑indicative of Si-N bonding͒ was observed from all AlN/SiC interfaces in which the SiC surface was cleaned via annealing in SiH 4 . The Si-N bonding was particularly prevalent for AlN deposited on ͑3ϫ3͒ 6H-SiC (0001) Si surfaces, as shown in Fig. 3͑b͒ . The feature at 99.3 eV is from an AlN plasmon. As we have shown in separate articles, 22, 23 the SiH 4 cleaning step leaves a silicon-rich surface with excess silicon, whereas the thermal desorption clean leaves a silicon-depleted surface with excess carbon C-C bonded/graphite͒ at the surface. Thus, it is not surprising that Si-N bonding is observed at AlN/SiC interfaces in which the SiC surface is prepared by annealing in SiH 4 . The presence or amount of Si-N bonding was not dependent on whether the SiC surface was pre-exposed to Al or NH 3 first. On the other hand, Al-C bond formation was not detected in either the Al 2p or C 1s spectra ͓despite larger full width at half maximum ͑FWHM͔͒ from AlN/SiC interfaces in which the SiC surface was prepared by simple thermal desorption at 1000°C. Similar observations were also made for SiC/AlN interfaces prepared by growing SiC on AlN films.
For a better understanding of the interface chemistry and formation between AlN and 6H-SiC, the surfaces of these two materials were exposed to separate fluxes of SiH 4 and C 2 H 4 ͑AlN͒ and Al and NH 3 ͑6H-SiC͒, at the growth temperature of 1050°C. XPS was used to determine the chemical bonding at the surface. Silicon-N bond formation was clearly seen on SiH 4 cleaned (0001) Si 6H-SiC surfaces which were exposed to NH 3 at 1050°C. The appearance of the N 1s core level at 398.7 eV was observed and the chemically shifted Si 2p core level at 102.5 eV is shown in Fig.  4͑a͒ . Analysis of the N 1s intensity was indicative of Ϸ1 ML of deposited nitrogen. Silicon-N bond formation was also observed for ͑0001͒ AlN surfaces exposed to SiH 4 at 1050°C by the appearance of the Si 2p peak at 102.3 eV, as shown in Fig. 4͑b͒ . However, no chemically shifted C 1s core levels, indicative of Al-C bonds, were observed for SiH 4 cleaned (0001) Si 6H-SiC surfaces exposed to Al at 1050°C and quickly cooled to room temperature. Further, only a small Al 2p peak characteristic of Ͻ0.1-0.2 ML coverage was observed. The energy position of this peak may be indicative of Al-C bond formation based on the work of Bermudez. 33 However, the higher binding energy may be also due to band bending or due to Al-O bonding, as the oxygen surface coverage increased proportionally with the Al coverage. Finally, no deposition of carbon occurred on ͑0001͒ AlN surfaces exposed to C 2 H 4 at 1050°C. This indicates that this surface is unreactive with C 2 H 4 at this temperature and that growth of SiC on this surface must be initiated with silicon via Si-N bond formation.
Exposure to NH 3 of SiC surfaces prepared by annealing at 1000°C resulted in the formation of Si-N bonding. Unfortunately, we were not able to study the interaction of Al with these surfaces. However, we note that Bermudez 33 and Porte 34 have studied the interaction of Al with carbon-rich ͑0001͒ 6H-and ͑001͒ 3C-SiC films, respectively, and observed some Al-C bond formation via the appearance of a chemically shifted Al 2p core level at 0.71 eV higher binding energy than metallic Al. This explains our difficulty in observing Al-C bond formation in that the chemical shift is similar to that for Al-N bonding.
IV. DISCUSSION
The data in Table III show that the values obtained for the valence band discontinuity (⌬E v ) between 2H-AlN and 6H-SiC are clustered around 0.9-1.5 eV, irrespective of the orientation. Significant outliers for this distribution were observed only for AlN deposited on SiH 4 cleaned (0001 ) C 6H-SiC with a NH 3 pre-exposure and 3C-SiC deposited on (2ϫ2)(0001) 2H-AlN.
Ferrara, Binggeli, and Baldereschi 14 predicted much larger valence band discontinuities of 2.26 and 2.54 eV for ͑111͒ 3C-AlN/3C-SiC interfaces with intermixing of Al and Si only and Al-N-Si-C and N-Al-C-Si stacking, respectively. These values are in reasonable agreement with the valence band discontinuity of 1.9-2.0 eV measured from the ͑0001͒ 3C-SiC/2H-AlN interface formed by growing SiC on a 2H-AlN/(0001) Si 6H-SiC on-axis substrate. Predominantly Al/Si intermixing can be expected for this interface based on the preparation of the AlN surface prior to SiC growth ͓i.e., the ͑0001͒ AlN film should be Al terminated based on crystallography and the growth of the SiC film was initiated by first exposing the AlN surface to SiH 4 ͔. However, the measured value of 1.9-2.0 eV for the 3C-SiC/2H-AlN interface is in better agreement with the values of 1.78 and 1.97 eV calculated by Ferrara, Binggeli, and Baldereschi 14 for the ͑111͒ 3C-AlN/3C-SiC interface with both Al/Si and C/N intermixing and Al-N-Si-C and N-Al-C-Si stacking, respectively. Even better agreement is found when the stacking for the 3C-SiC/2H-AlN interface is taken into consideration. As mentioned above for the ͑0001͒ 3C-SiC/2H-AlN interface prepared in this study, Si-C-Al-N stacking is expected based on the crystallography of the underlying ͑0001͒ 6H-SiC substrate. This consideration yields excellent agreement between the experimental ⌬E v of 1.9-2.0 eV and that of theory Ϫ1.97 eV.
For AlN deposited on silicon-rich (0001) Si 6H-SiC surfaces, we observed much smaller valence band discontinuities of 0.9-1.5 eV. Again based on crystallography and the stoichiometry of the starting growth surface, predominantly Al/Si intermixing could also be expected, but the ⌬E v values observed here are clearly much lower than the theoretical values of 2.26 and 2.54 eV reported by Ferrara, Binggeli, Baldereschi 14 for this scenario. As for the 3C-SiC/2H-AlN interface mentioned above, intermixing of both Al/Si and N/C could be responsible for the lower ⌬E v . The larger values of 1.4-1.5 eV obtained for 2H-AlN grown on (3 ϫ3)(0001) Si on-axis 6H-SiC surfaces are close to the value of 1.78 eV reported by Ferrara, Binggeli, and Baldereschi 14 for the ͑111͒ 3C-AlN/3C-SiC interface with Al-N-Si-C stacking. This is reasonable as this stacking is expected for AlN growth on (0001) Si 6H-SiC substrates. The ⌬E v values for 2H-AlN/(3ϫ3) 6H-SiC are also in extremely close agreement to the ⌬E v of 1.5 eV reported by Lambrecht and Segal 10 for the neutral ͑110͒ 3C-AlN/3C-SiC interface which has an equal number of both Al-C and Si-N bonds at the interface.
However, the ⌬E v 's obtained for AlN grown on siliconrich (0001) Si 6H-SiC surfaces are equally close or closer to the ⌬E v of 1.33 eV reported by Ferrara, Binggeli, and Baldereschi 14 for the ͑111͒ 3C-AlN/3C-SiC interface with Al-N-Si-C stacking and intermixing of C and N only at the interface. Initially, this commonality may seem surprising given the extenuous attempts to produce Al/Si intermixing by starting with Si-rich surfaces and using Al pre-exposures. However, the extremely low sticking coefficient of Al on silicon-rich SiC surfaces at 1050°C observed in this study indicates that very little intermixing of Al and Si is likely to occur initially. Instead, nitrogen is likely to first react with the excess Si on the SiC surface to form a Si-N bilayer. The stacking sequence for the AlN/SiC interface in this case is likely to proceed as Al-N-Si-N-Si-C. The net effect can be viewed as essentially a predominate intermixing of N on ''C'' sites of SiC. Alternatively, the excess Si can be viewed as causing intermixing of Al/Si and C/N at distances of 2-4 atomic planes ͑1-2 bilayers͒ as opposed to the 1-2 atomic planes considered in the study by Ferrara, Binggeli, and Baldereschi.
14 Intermixing at distances greater than two bilayers is unlikely given the low growth temperature, the reported low solubility of AlN in SiC at this temperature, 4 and the absence of any observations of interdiffusion of Al and N in SiC in transmission electron microscopy ͑TEM͒ at 1600-1750°C. 6 Unfortunately, the above discussion still fails to explain the low ⌬E v values of 0.9-1.1 eV observed for the 2H-AlN/(0001) Si 6H-SiC interfaces. Closer examination of the data set, however, does reveal that values of ⌬E v in the range of 0.9-1.1 eV are only observed from AlN/6H-SiC interfaces prepared on silicon-rich ͓(3ϫ3) and (1ϫ1)͔, off-axis 6H-SiC substrates. Further, a larger range in ⌬E v of 0.9-1.4 eV was observed for AlN/SiC interfaces prepared on off-axis 6H-SiC substrates. This larger spread in ⌬E v for off-axis substrates may be related to the nature and types of defects formed at the AlN/SiC interface due to the presence of steps and the relaxation of strain. TEM studies of the growth of AlN on off-axis 6H-SiC substrates have shown an increased density of misfit dislocations and double position boundaries. 6 These defects could influence ⌬E v in two different ways: ͑i͒ they allow the AlN films grown on off-axis 6H-SiC substrates to relax at thicknesses less than the onaxis substrates; thus, the observed differences in ⌬E v could be a result of strain. Or ͑ii͒ the defects formed at the AlN/SiC surface could be charged and, therefore, help to neutralize/ balance the charge formed at the ͑0001͒ interface due to the unbalanced C-Si-N-Al dipole which occurs along the ͓0001͔ direction. This explanation is similar to the cation/ anion intermixing proposed by Ferrara, Binggeli, and Baldereschi 14 to neutralize the interface charge. This may explain why the ⌬E v values obtained for on-axis substrates are in much better agreement with the theoretical results, since these ͑0001͒ AlN/SiC interfaces are less defective.
An alternative explanation for the low ⌬E v 's of 0.8-1.1 eV and the discrepancy with theory can also be provided based on the one significant difference observed in the XPS spectra obtained from 3C-SiC/2H-AlN and 2H-AlN/6H-SiC interfaces. For AlN deposited on 6H-SiC, a small O 1s signal was always detected which increased with the number and time of the AlN depositions, as shown in Fig. 5͑a͒ . On the other hand, the O 1s signal was eliminated after the initial SiH 4 exposure for SiC deposited on AlN ͓Fig. 5͑b͔͒. This observation indicates that the SiC/AlN interface formed by SiC growth on AlN is of higher purity than the AlN/SiC interface formed by growth of AlN on 6H-SiC. Obviously, the presence of significant amounts of oxygen at the AlN/SiC interface could influence the amount and type of anion/cation intermixing needed to neutralize the interface charge. In the case of SiC grown on AlN, less oxygen was present at the interface and, hence, the ⌬E v observed for this interface was in closer agreement with that predicted by theory.
For AlN/SiC interfaces prepared by growing AlN on carbon-rich ()ϫ))R30°(0001) Si 6H-SiC surfaces, our ⌬E v results of 1.1-1.2 eV are equally close to the value of 1.33 eV reported by Ferrara, Binggeli, and Baldereschi 14 for the ͑111͒ AlN/SiC interface with intermixing of C/N only. In this case, predominant C/N intermixing was expected based on the free carbon existing on the starting SiC growth surface and the NH 3 pre-exposure prior to AlN growth. Interestingly though, essentially the same results were obtained for both on-and-off-axis 6H-SiC substrates. Slightly lower values of 1.0-1.1 eV were also obtained for 2H-AlN/6H-SiC interfaces prepared on carbon-rich (0001 ) C on axis 6H-SiC surfaces. In this case, the slightly lower ⌬E v could be due to the Al pre-exposure used instead or due to the larger coverage of free carbon on the surface.
At this point, it is worth noting that some of the discrepancies observed here between the theoretically calculated and experimentally measured ⌬E v 's for the AlN/SiC interface could be due to the differences in the polytypes examined ͑i.e., theoryϭ3C/3C, exp.ϭ2H/6H͒. However, the calculations of Ferrara, Binggeli, and Baldereschi 14 found that the ⌬E v for the ͑111͒ 3C-AlN/3C-SiC interface differed from the ͑0001͒ 2H-AlN/2H-SiC interface by less than 0.1 eV with the differences in band gap being made up entirely in the conduction band discontinuity. Further, the LMTO calculations of Ke et al. 35 indicate that the ⌬E v between 2H/3C interfaces of SiC and AlN are also both less than 0.1 eV.
Finally, within the sample set examined for the ͑0001͒ and (11 00) orientations, no dependence on ⌬E v was observed with NH 3 vs Al pre-exposure. Again, this is related to the extremely low sticking coefficient of Al-to Si-terminated SiC surfaces. As mentioned previously, less than 0.1-0.2 ML of Al was observed on (0001) Si 6H-SiC surfaces exposed to an Al flux for 5-10 min at 1050°C and quickly quenched to room temperature. This means that a large fraction of the Si-terminated SiC surface is directly exposed to NH 3 when it is introduced into the growth chamber; thus, the Al pre-exposure does not influence the degree of Al/Si intermixing. The flux needed to maintain a 1 ML coverage of Al on Si-terminated 6H-SiC at 1050°C is three-to-four orders of magnitude larger than can be delivered in a typical molecular beam epitaxy ͑MBE͒ system, but could be easily achieved in chemical vapor deposition ͑CVD͒.
V. CONCLUSIONS
The above variations in ⌬E v AlN/SiC with orientation, cut, and interface chemistry are important as they indicate that the valence band and conduction band discontinuities can be manipulated and tailored for a particular device application. Large value of ⌬E v are desired as they would closely align the SiC/AlN conduction bands and aid in injection of electrons from SiC across AlN and into GaN or vacuum. In this case, our results show that one should choose on-axis 4H-SiC substrates and adopt growth schemes which would minimize the amount of oxygen left at the AlN/SiC interface.
Our detailed examination of the valence band discontinuity (⌬E v ) formed between 2H-AlN and 6H-SiC at (0001) Si , (0001 ) C , and (11 00) interfaces has been conducted using x-ray and UV photoelectron spectroscopies. Values for ⌬E v AlN/SiC from 0.6-2.0 eV were determined. The data indicate that the valence band discontinuity formed between these two different materials is dependent on the density and types of defects formed at the interface. These defects can be modulated by substrate cut, surface termination/reconstruction, and the presence of point defect and impurities such as oxygen.
supported by the Office of Naval Research under Contract No. N00014-92-J-1477 ͑M. Yoder, Technical Monitor͒. R. F. Davis was supported in part by a Kobe Steel, Ltd., Professorship.
